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1. Introduction

Among the earliest small-angle scattering (SAS) experiments
to investigate the formation of dislocations was an attempt to
study the scattering by structures in cold-worked metals. This
(Blin & Guinier, 1951, 1953) and many subsequent attempts
(Hayes & Smoluchowski, 1954; Beeman et al., 1957; Atkinson
& Lowde, 1957; Christ, 1964; Taglauer, 1968; Kettunen et al.,
1981; Lepisto et al, 1991; Heuser, 1994) met with limited
success for a variety of reasons. The most persistent difficulty
was the intrusion of higher-contrast processes such as double
Bragg diffraction. Other considerations include the angular
dependence of the dislocation scattering, the importance of
which was not fully appreciated at the time, and the possibility
of observing surface scattering.

A study by Heuser (1994) made use of small-angle neutron
scattering (SANS) to study single-crystal Cu samples
deformed ex situ. At the lowest scattering vector, q [where
|q] = (47/)1)sin(0), A is the neutron wavelength and 26 is the
scattering angle], obtainable in this experiment (0.0065 A’l),
Heuser reported a g~ slope, which is consistent with predic-
tions of the scattering form factor for individual dislocations
(Seeger, 1959b). Heuser’s work demonstrated that disloca-
tions could be detected by means of SANS from cold-worked
samples. To take the next step and obtain quantitative data on
such structures, several additional difficulties remained to be
overcome.

The first requirement was the development of a theory for
the SAS from dislocation walls. Although much work has been
done on the theory of SAS from individual dislocations
(Dexter, 1953; Seeger, 1959a,b; Seeger & Brand, 1965), none
of these studies considered scattering by dislocations arranged
in walls. A theory of scattering from such arrangements is now
available (Thomson et al., 1999), allowing the design of SAS
experiments that optimize the observability of the dislocation-
wall scattering features while avoiding undesirable scattering
processes. The new theory has the further advantage of
enabling quantitative microstructural parameters to be
extracted from the scattering data.

predictions of scattering from dislocation walls, allowing quantitative micro-
structural parameters to be extracted.

Consideration of the various length scales involved leads to
the conclusion that a ¢ range extending below 10> A~! with
a Ag <10~ A7lis required for these experiments. Thus,
ultra-small-angle X-ray scattering (USAXS) and ultra-small-
angle neutron scattering (USANS) are potential candidates.
USAXS experiments using =1.76 A photons can be
performed in a manner that avoids Bragg diffractions by
adjusting the single-crystal sample orientation. This wave-
length also allows the use of samples that are thick enough to
represent bulk material (*0.2 mm).

In the following sections, we present a brief overview of the
dislocation SAS theory, describe the experiments, discuss the
measures taken to avoid the difficulties mentioned above and
present experimental data for comparison with the theoretical
predictions.

2. SAS theory

Small-angle scattering by dislocations is caused exclusively by
the small local density change induced by the dislocations.
Several effects contribute to this density change including the
elastic dilation, density changes in the core and the nonlinear
part of the elastic field. Because the elastic dilation dominates
in the g range where dislocation wall structures produce
significant scattering, other contributions have been neglected.
Thus, in the linear elastic approximation, only the scattering
by the edge components of dislocations can be detected.

The long-range dilation field of an edge dislocation is
smoothly varying. Fig. 1 shows calculated atomic positions
within a plane normal to a centrally located edge dislocation.
The atomic displacements were calculated using the isotropic
linear-elastic approximation (Hirth & Lothe, 1982), which is
valid outside the dislocation core region. The change in atomic
density is positive in the left half of the figure and negative in
the right half. Approximating this structure with interfaces
separating regions with distinct electron or nuclear density is
not valid. Instead, one must invoke derivations that explicitly
take this smoothly varying character into account.
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The coordinate system used to describe the scattering
geometry is shown in Fig. 2. The dislocations extend along the
Z axis and the edge components of the Burgers vectors define
the X axis. Thus, the Y axis is perpendicular to the slip plane.
The projection of the scattering vector onto the XY plane has
length g, and polar angle £ The dislocation wall must contain
these dislocations and so the vector perpendicular to the wall
must lie in the XY plane; this vector is labeled t for the
‘thickness’ direction. The scalar w = |w/| is used to describe the
dislocation positions within the wall ‘length’ direction as
shown. Dipoles are modeled as two opposite-sign dislocations
separated along the Y axis by a distance d (not shown in
figure).

From Thomson et al. (1999), the kinematic scattering form
factor for an individual straight dislocation with effective
length H is given by

sin & sin(q,H)

~ 4mb k
qp qz

asing]e (1)
Here, ¢, is the Z component of the scattering vector, « is a
constant that depends only on Poisson’s ratio and b, is the
edge component of the Burgers vector. The dilation field of a
dislocation dipole is quite different from that of an individual
dislocation and the resulting dipole scattering form factor
(Thomson et al., 1999) is
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Equations (1) and (2) are also in agreement with earlier work
by Seeger (1959b) and Atkinson & Hirsch (1958). An
important issue in the evolution of dislocation structures is the
magnitude and orientation of the dipole moment in disloca-
tion walls (Mughrabi, 1983; Kratochvil et al., 1997). The g,
dependencies in equations (1) and (2) provide a useful way to
distinguish between scattering by individual dislocations and
by dislocation dipoles. In particular, the squared scattering
amplitude (i.e. the SAS intensity) of the individual disloca-
tions exhibits a g, 2 dependence whereas that by the disloca-
tion dipoles exhibits a g, 3 dependence.

Figure 1

Approximate atomic positions in a plane perpendicular to a centrally
located edge dislocation. The resulting dilation field is smoothly varying
away from the dislocation core. Thus, the SAS cannot be interpreted
simply in terms of scattering at interfaces between regions of differing
electron or nuclear density.

The factor sin(q,H)/q, that appears in these equations is a
function with a very strong and sharp peak at g, =0 for
dislocation lengths typical of deformed metals. Thus, unless
the scattering vector is very close (typically within 5 to 10°) to
perpendicular to the dislocation line, no appreciable scattering
will take place and the dislocation will not be visible. In this
paper, the term ‘visible’ is used to specify the subset of
dislocations that produces significant SAS. The sin & terms in
both equations describe the effect of rotating q with respect to
the edge component of the Burgers vector (X axis). The
scattering reaches a maximum when q is perpendicular to the
X axis. The sharpness of this maximum depends upon whether
the defect is a single dislocation or a dislocation dipole. For
single dislocations, the scattered intensity falls off as sin? &
whereas the dipole scattering falls off much more rapidly as
sin* &. Thus, in both cases, the maximum scattered intensity is
obtained when q is perpendicular to both the dislocation line
and the edge component of the Burgers vector. This defines
the slip planes of the dislocations, which, for Al at room
temperature, are the {111} planes.

It is important to understand that equations (1) and (2) are
both only approximate expressions with well defined regions
of validity. For an individual dislocation, (1) is only valid when
gR > 1 and gR, < 1, where R is the upper cut off for the
dislocation strain field and R, is the effective dislocation core
radius. For practical purposes, these conditions are always
fulfilled in a USAXS experiment. Equation (2) for dipoles has
a similar range of validity to (1), except that the core radius
must be replaced by the dipole spacing. Dipole spacings in
deformed f.c.c. samples vary widely, ranging from a few to
several tens of nanometres. Since the scattering intensity from
dipoles decreases rapidly with increasing g, the largest g for
which dipole scattering might be detectable by means of our
USAXS instrument is approximately 0.01 A~ Thus, in prin-
ciple, we should be able to detect the transition from a dipole
to a single dislocation signature for the larger dipole separa-
tions.

The strong angular dependencies described above have
important ramifications for the design and interpretation of
dislocation SAS experiments. For a given beam/sample
geometry, only the subset of dislocations that satisfy the above

X

Figure 2

Coordinate system for dislocations and dislocation walls. The dislocations
lie along the Z axis perpendicular to the figure at the origin and the edge
component of the Burgers vector lies along the X axis. The projection of
the scattering vector, q, in the XY plane has cylindrical coordinates
(g, §)- The vectors w and t are in the XY plane with w parallel to the wall
and t perpendicular to the wall.
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visibility conditions will contribute significantly to the SAS.
Thus, since dislocations must reside on a small set of slip
planes, a randomly oriented single crystal generally will
exhibit very little dislocation scattering. If, instead, the crystal
is oriented such that q is nearly perpendicular to an active slip
plane, the scattering from this subset of dislocations will be
maximized while the scattering from the remaining disloca-
tions generally will be negligible.

Turning next to the different types of dislocation config-
urations, Thomson et al. (1999) explicitly considered small-
angle scattering from dislocation walls. The general form
predicted for the SAS intensity, I, from dislocation walls is
given by

I = AL+ F(q, L)F,(q,, L)]

47k (sin(q, H)
Asingle ~ ( .
q, q,

A __ 8mk ( 2 )1/2 <sin(qu))
dipole qZ/z d q. 5

where ¢ is a constant, L is the total visible dislocation line
length, g, is the projection of the scattering vector perpendi-
cular to the walls, g, is a projection along the wall and
perpendicular to the visible dislocations, and F,(q,, L) and
F,(q,,L) are factors that depend upon the dislocation
configurations in the respective directions. The &-dependent
factors from equations (1) and (2) have been included here in
¢, F, and F,, so the visibility criteria for the component
dislocations remain unchanged.

F,(q,, L) does not exhibit a simple power-law dependence
on q,,; it is best described as an interference term for the
partially ordered dislocation structures. F,(q,, L), however,
possesses a relatively simple monotonic g, behavior. Thus, if
the dislocation density across a wall is uniform with a sharp
interface, then F,(q,) o g 2. If the interface is diffuse, the
scattering intensity decreases more rapidly. Following a
procedure introduced by researchers investigating SAS by
block co-polymers (Ruland, 1971; Koberstein et al., 1980),
Thomson et al. modeled such an interface as the convolution
of a sharp interface with a Gaussian function, yielding the
approximate functional form

©)

Fq) ;(1 — &), @)

t

where o is the width of the Gaussian and corresponds to the
effective width of the diffuse interface. Since g, is a projection
of the scattering vector in the direction of the wall thickness,
knowledge of the orientation of the walls is required to extract
the width.

If the sample/beam geometry is arranged so that g, is
appreciable, the interference term, F,(q,,, L), is highly sensi-
tive to the ordering of the visible dislocations within the walls.
Two special cases that were worked out in detail are relevant
here. If we assume that N 4 1 visible dislocations are peri-
odically spaced with separation //N and that all of the dislo-
cations have the same-sign Burgers vector, then a simple

diffraction grating function results with a g,, dependence given
by

sinz(qWI/Z)

F, — .
sin“(q,,l/2N)

w(q,) ¢ ©)

An identically configured wall with alternating sign disloca-
tions gives

sin*(q,1/2)

cos?(q,l/2N)" ©

F,(q,) «

Examination of equations (5) and (6) shows that the effect of
replacing every other positive dislocation with a negative
dislocation is to ‘shift’ the diffraction pattern by half the
period, or wN/L. The reason for this unusual behavior is that
each positive/negative dislocation pair forms a double-sized
unit cell with peaks spaced half as far apart in reciprocal space.
The multiplying form factor of the dislocation pair has zeros at
the original lattice sites, causing the apparent shift.

Thomson et al. also considered the case of partially ordered
walls. As would be expected, the overall behavior found in
equations (5) and (6) does not change.

The final term to be considered in equation (3) is c¢L. The
constant ¢ includes the various angular factors for the visible
dislocations but it is completely independent of the dislocation
configuration. It also introduces no additional ¢ dependence
beyond that of the dislocation form factors.

The SAS by dislocation walls is complicated and strongly
dependent upon the dislocation configurations and the
sample/beam geometry. The general behavior of the SAS,
however, is readily followed using the above equations. One
simple illustrative case will be explored that we will return to
in §4. If we assume that g, is appreciable, that g, is very small
and that the scattering is by individual dislocations rather than
by dislocation dipoles, then the g dependence of the SAS can
be written as

I x Aq™> + Bg~*(1 — 0°¢%), (7)

where A and B are constants. The ¢g~2 behavior comes from
scattering by individual dislocations; it will be observed at a
large enough ¢ range for it to dominate over the rapidly
declining contribution of the walls. At the smaller g range
where the wall shape is dominant, the g~*(1 — 0?¢?) behavior
will be observed. For finite thickness walls with infinitely sharp
boundaries, o = 0 and the g behavior becomes g~*.

3. Experimental design

This section starts with a description of the USAXS instru-
ment and a discussion of its applicability to these experiments.
This is followed by brief descriptions of the samples and the in
situ tensile stage. Next, the rotation and positioning systems
that were used to control the sample/beam geometry are
described. Next, potential problems are discussed along with
their solutions. Finally, the general operating procedure that
was used to obtain the USAXS data is described.
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3.1. USAXS instrument

The Bonse-Hart-type instrument (Long et al., 1991) used
for the in situ dislocation scattering measurements reported
here is a high-throughput USAXS diffractometer with a small
angular step size (Aq,,, = 4.2 x 107> A™Y), low minimum ¢
(@i =55 x 107* A7), excellent wavelength resolution
(AX/A =57 x 107", large sample cross-sectional area
(3 x 3mm) and high signal-to-noise ratio. At an incident
photon energy of 7keV (i =1.77 A), the intensity at the
sample position is 10'" photons s™'. For low-contrast scat-
tering, such as that expected from dislocation structures, a high
incident photon flux is essential. The incident X-ray beam
intensity from the National Synchrotron Light Source is
monitored continuously, after wavelength selection by the
double-crystal monochromator, by means of an He-filled
transmission ionization chamber. After diffraction from the
double-crystal analyzer, the scattered X-rays are detected by
means of a photodiode detector with a linear response from
2000 to 2 x 10'? photons s . Two reflections are used in the
monochromator and two reflections are used in the analyzer.

The wide dynamic range of the photodiode detector enables
direct measurement of the instrument profile, R,(¢g), with no
sample in place, as well as the scattered intensity profile, R,(q),
from the sample. At zero angle, the double-crystal analyzer
passes the full intensity of the straight-through beam and
hence the sample transmission is defined as 7 = R (0)/R,(0).
Scattering curves were measured from g =5.7 x 107 to
g = 0.2 A~'. In data reduction, R,(gq) and R (g) are treated in
exactly the same manner: the photodiode detector data are
corrected for dark current and detector amplification and then
normalized to the monitor detector. Conversion of the scat-
tering data into the differential scattering cross section in units
of cm™'sr™! requires taking the ratio of the number of
photons scattered per second into unit solid angle to the
number of photons in the incident beam, all normalized to unit
volume. The slit-smeared USAXS cross section measured by
this instrument is

dX(q)  R(@)/T —R,(q)
dQ  R(9Aw A0, T’

)

where T is the sample thickness and Aw, and Aw,, which
define the detector solid angle €2, are the angular width and
the angular height, respectively, of the beam intercepted by
the detector. For our geometry, Aw,=0.02 and
Aw, =2.4 x 1073 rad. Thus, placing the scattering data on an
absolute scale requires only the measurement of 7, 7, 2 and
R,(0). As will be demonstrated in §4, accurate determination
of sample transmission is needed to verify the integrity of the
data.

3.2. Samples and tensile stage

The samples were 0.2 mm thick single Al (99.99+%)
crystals in the shape of flat dog bones with gauge section
dimensions of 3 x 3 mm. The short length was necessary to
facilitate loading of the delicate samples. The sample width
outside the gauge section was 5 mm. Such samples are thick

enough to allow the evolution of ‘bulk’ dislocation structures
and thin enough for conducting USAXS measurements at the
selected photon energy of 7.0 keV (see §3.3 below). Pre-
shaped Al single crystals with random crystallographic
orientations were grown by directional solidification in a soft
mold of Al,O5; powder. Each crystal was sliced in an acid saw
to produce several dog-bone tensile specimens of identical
crystallographic orientation. Samples were then chemically
etched and annealed in vacuum for 48 h at 623 K.

A preliminary determination of the sample orientation was
made using back-reflection Laue. The final determination of
the orientation was made in sifu with the sample mounted in
the USAXS instrument.

The samples were deformed incrementally under uniaxial
tension during the experiment using a computer-controlled
tensile stage; the load and the relative displacement of the
grips were monitored and recorded throughout the experi-
ments. This allowed us to compare the evolving dislocation
structures (as determined from the USAXS data) with the
changing mechanical properties. The final plastic strain in the
sample gauge section was measured in a traveling microscope
after the experiment for comparison with the in situ strain
measurements. The elastic behavior of the tensile stage was
measured ex situ by applying an elastic load to a steel sample.
This behavior was subtracted from the Al stress—strain data
prior to analysis.

3.3. Sample/beam geometry

Full three-axis angular control of the scattering geometry is
required for aligning q perpendicular to the desired slip plane
(for maximum scattering contrast), for probing the relevant
angular factors and for avoiding Bragg-diffraction conditions.
The definitions of the laboratory-frame coordinate system are
shown in Fig. 3. Although the sign of the ¢ rotation does not
conform to a conventional right-handed rotation system, we
chose to keep this definition to maintain compatibility with the
mechanical design of the equipment.

As discussed above, an X-ray wavelength of 1.76 A
(7.04 keV) and sample thicknesses of ~200um were used in
these experiments. Each sample was first loaded into the
tensile stage, which was then mounted on the rotation stage in
the USAXS instrument. An X-ray video camera was used to
check the position of the sample in the beam. The beam was

Sample

X-ray
Beam

2

Figure 3

Laboratory-frame coordinate system along with the xyz Euler angles
used for sample rotations. The signs of the rotations were chosen to
conform to the mechanical design.
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centered on the middle of the sample’s gauge section. Next,
the camera was used to watch the forward-transmitted beam
through the sample as the sample was rotated. When a
diffracting condition occurs, the sample image darkens. The
measured angles where diffraction occurs can then be used to
determine accurately the orientation of the sample.

With the Euler angle x fixed, the remaining two Euler
angles can be used to produce an orientation plot. This plot
can be used to show the sample orientations where Bragg
conditions are satisfied. Fig. 4 is an orientation plot for sample
P with x fixed at 0°. The open circles indicate measured
sample orientations where Bragg diffractions were detected.
The expected pattern of Bragg diffractions is calculated from
the X-ray wavelength and the initial orientation data obtained
using the Laue camera. Adjusting the assumed sample
orientation and incident photon energy to minimize the error
between the calculated and measured Bragg positions enables
an accurate sample orientation and photon energy to be
determined. The curved lines in Fig. 4 are the calculated Bragg
positions after visually minimizing the errors. For this sample,
we estimate that the 1o error for the sample orientation is 0.2°
and the beam energy is 7.04 & 0.01 ke V.

The program that calculates the positions of the Bragg
diffractions also determines the correct Euler angles for
aligning q along the (111) directions. The geometry of the
rotation stage is such that the face of the sample must remain
perpendicular to the beam to within approximately 25°. This
physical restriction does not introduce unnecessary compli-
cations since larger angles would increase unacceptably the
sample thickness in the beam direction. Thus, only one or two
(111) directions can be aligned parallel to q for a given sample.

Fortunately, aligning q perpendicular to a specified {111}
slip plane does not fully specify the orientation of the sample
since rotation about this (111) direction is allowed. The
control program calculates the Euler angles corresponding to

113 220 204

o (degrees)

Figure 4

Orientation plot for sample P with x = 0°. The curved lines show the
calculated orientations where the indicated Bragg reflections are
expected to occur and the data points indicate orientations where Bragg
reflections were observed. The width of the curved line reflects the width
of the reflection assuming isotropic peak shapes.

rotations about this axis, taking into account the physical
restrictions. These possible angles are then compared with the
positions of the Bragg diffractions, and orientations are chosen
that generally are at least 3° away from the nearest diffraction.
If no suitable orientations are possible for a given slip plane,
then small variations in the photon energy can be used to
modify the positions of the Bragg diffractions.

Two orientations, (¢, 6, x), of sample P that align q
perpendicular to the (111) slip plane while avoiding inter-
ference from Bragg diffractions are F = (0°, 1.7°, 60.2°) and J
=(—13.7°,0.8°,59.7°). Since the difference in x between these
orientations is small, F and J can both be shown on a two-
dimensional plot where x = 60.2°; see Fig. 5. Several orien-
tations that are referred to in this paper are shown along with
the calculated and measured diffraction positions.

3.4. Problems and solutions

The experiments were designed to obtain dislocation
USAXS data from high-purity single-crystal Al. Defects such
as vacancies and clusters of vacancies that form during
deformation (for example by jog motion) do not contribute
significantly to the scattering at the ultra-low g range
(0.0005 < g < 0.005 A_l) examined in these experiments.
Besides dislocations, the only other possible sources of scat-
tering in this range are double Bragg (kinematic) diffraction
(Beeman et al., 1957; Atkinson & Lowde, 1957, Warren, 1959;
Ogier et al., 1959) and surfaces (Robinson & Smoluchowski,
1956; Roth, 1977; Henderson, 1995). X-ray fluorescence from
surface contaminants (Freize et al., 1960; Parker, 1972) would
be eliminated by the analyzer crystals. Both of these possible
spurious scattering sources have been investigated and the
methods that were used to avoid them are described in this
subsection.

Since we cannot use wavelengths long enough to eliminate
all Bragg reflections, we selected a wavelength long enough to
avoid most Bragg reflections and still compatible with

20 -

o (degrees)

Figure 5

Orientation plot for sample P with x = 60.2°. The open circles indicate
orientations where Bragg reflections were observed. The solid triangles
indicate orientations where USAXS data were obtained.
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reasonable transmission through the sample. The remaining
reflections were avoided by controlling the crystallographic
orientation of the sample with respect to the incident beam.
For undeformed single-crystal samples, such avoidance is
straightforward because the Bragg diffractions are narrow; the
problem becomes more difficult when the deformation
reaches several percent, the Bragg peaks broaden consider-
ably (Mughrabi, 1983; Ungar et al., 1982; Yuming et al., 1982;
Ungar et al., 1984; Mughrabi et al., 1986; Biermann et al., 1991;
Ungar et al., 1991, 1993; Ungar, 1994; Ji et al., 1994; Ungar &
Borbely, 1996; Wilkens, 1970a,b; Krivoglaz, 1996; Levine &
Thomson, 1997; Schafler et al, 2005) and sample rotations
occur (Honeycombe, 1968; Hughes et al., 1998).

The effects of Bragg diffractions on USAXS data were
investigated at both small and large strains. We demonstrate
below that (i) avoidance of Bragg diffractions is possible, (ii)
the excess scattering from double Bragg diffraction does not
resemble the predicted and measured USAXS profile of
dislocation walls, and (iii) it is possible to detect the intrusion
of Bragg diffractions in the USAXS data.

Fig. 6 shows absolute-calibrated slit-smeared USAXS data
from six orientations (C, E, F, G, H and I) of sample O.
USAXS scans from all orientations that were at least 0.5°
away from Bragg reflections (E, F, G, H and I) are nearly
indistinguishable. Excess scattering is apparent in the scan
from orientation C which was within 0.2° of a Bragg reflection.
Scans from other orientations very close to Bragg reflections
show similar excess scattering, which we attribute to double
Bragg diffraction. The double Bragg scattering varies in
magnitude, but each of the intensity profiles exhibits power-
law behavior, with equivalent desmeared slopes ranging from
—2.7 to —3.1. Thus, none of the measured intensity profiles
approaches the g=2 dependence predicted for SAS by indivi-
dual dislocations, and the angular dependence is very different

JOS v e
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3 : :
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0.001 0.01 0.1
g (A
Figure 6

Absolute-calibrated USAXS data from sample O with 0% applied strain.
Orientations E (open square) through I (upward filled triangle, open
diamond, inverted filled triangle and open circle) are rotated at least 0.5°
away from Bragg reflections and orientation C (filled circle) is within 0.2°
of a Bragg reflection.

from that expected from SAS by dislocation dipoles, which is
discussed further below.

As described in §3.1, the incident-beam intensity was
monitored continuously during each USAXS scan and the
photodiode signal is normalized accordingly. Further, a direct
measurement of the sample transmission is available from the
data (as described in §3.1), which allows the average sample
thickness to be calculated. Since the orientation of the sample
is known, the resulting geometrical corrections arising from
sample tilt can be used to determine the true sample thickness,
T,, perpendicular to the face. Since Bragg diffraction directs
intensity away from the photodiode, it reduces the measured
transmission coefficient, resulting in an increased (spurious)
value for T|. Since the USAXS intensity is only sensitive to
double Bragg scattering and the transmission coefficient is
sensitive to single Bragg scattering, the transmission
measurement should be able to detect the intrusion of Bragg
diffraction before it becomes significant in the USAXS data.

Calculating 7|, for sample O, orientations E through I, gives
T, =201.2+0.2 um, with a standard uncertainty for an
individual measurement of 0.5 um. As shown in Fig. 6, these
orientations show no evidence of double Bragg diffraction.
Calculating 7, using all orientations that do show such
evidence gives T, = 203.2 & 0.4 um, with a standard uncer-
tainty for an individual measurement of 1.1 pm. As predicted,
the presence of Bragg diffraction significantly increases the
measured value for 7). Orientation C shows the strongest
double Bragg signature in the USAXS data and also has the
largest measured T, = 204.3 um.

For another sample, G, USAXS data were taken from a
single sample orientation for engineering strains ranging from
0 to 8%. Fig. 7 shows T, plotted as a function of the measured
engineering strain for this sample. As expected, the sample
thickness decreases linearly with strain at small strains; at
larger strains, the slope of the curve decreases as deformation
occurs outside the gauge section of the sample. After removal
of the sample from the tensile stage, surface slip structures
(indicative of plastic strain) were observed outside the gauge
section. As the sample is deformed, sample rotation and
Bragg-peak broadening occur. Thus, the departure from a

514771+ 7+
E 151.2;—3[ I —
= 151 =
2 S ;
£ 150.8F | =
_:j L - g
= 150.6F tT -
o : L 3
—E_ 150.4F I } <
8 150.2f t :

150+ é Ll th i 1..16 TR - éa

Engineering strain (%)
Figure 7

Sample thickness, as derived from the sample transmission, plotted as a
function of the measured engineering strain. The abrupt increase that
occurs above 6% strain is attributed to an encroaching Bragg peak.
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smooth monotonic behavior that occurs above 6% strain is
attributed to encroaching Bragg conditions. Examination of
the USAXS data from sample G shows a slope change in the
scattering data taken at 8% strain that is consistent with the
intrusion of double Bragg diffraction. Similar evidence does
not appear in the scan taken at 6.7% strain, demonstrating
that contamination by double Bragg diffraction is not signifi-
cant. The sample transmission at 6.7% strain does show clear
evidence of single Bragg diffraction, demonstrating that this
method is sufficiently sensitive to detect double Bragg
diffraction before it becomes large enough to affect the
USAXS data.

The possibility of observing scattering from improperly
prepared surfaces is another consideration. Parasitic surface
scattering has been attributed to surface oxide films
(Robinson & Smoluchowski, 1956), damage layers from cold
rolling (Robinson & Smoluchowski, 1956) and surface irreg-
ularities (Roth, 1977) such as saw marks and scratches. Many
of these conditions can be avoided by careful preparation of
sample surfaces. For example, surface etching, such as was
used for our samples, has been proven (Freize et al., 1960;
Parker, 1972; Henderson, 1995) to reduce significantly the
possibility of surface small-angle scattering. Microscopic
examinations of the surfaces of the strained single-crystal
samples used in this study revealed the existence of small
(<1 pm) surface facets and only rare features as large as
2.5 um. The observed scattering cannot be understood in
terms of scattering by these features. In the case of Al, the
presence of a thin oxide film is unavoidable for measurements
conducted in air, but Porod scattering from such films cannot
be observed at scattering vectors g < 0.001 A~!, which is
where the Porod scattering that we attribute below to dislo-
cation walls is observed. Porod scattering has been observed
(Roth, 1977) around 0.02 A implying that the oxide layer
thickness may be of the order of 100 A.

In a final demonstration that the observed scattering results
from internal dislocation structures, several samples described
in this study were re-examined after a room-temperature
anneal of several months. The dislocation dipole signatures
remained, while the scattering from individual dislocations
decreased significantly. Such behavior is expected from high-
purity Al samples.

An additional candidate for Porod scattering is the
geometrical cross section of the sample. Scattering from the
geometrical cross section has been observed (Roth, 1977)
from thin (75 pum) samples. Such scattering from an imperfect
external surface perpendicular to the incident beam depends
on the value of the total area of the projection of this surface
onto a plane parallel to the incident beam, where g is
perpendicular to the incident beam. Thus, when the sample is
unstrained and the incident X-ray beam is exactly along the
surface normal, there is minimal Porod scattering from the
surface. The possibility of scattering from the sample cross
section was examined using data from undeformed sample O,
which was measured to be 201.6 4= 0.3 um thick. As discussed
above, this sample was oriented for low dislocation scattering
contrast. Porod scattering was observed at orientation F,

nominally 6° from the normal, and at orientation I, nominally
12° from the sample normal. The scattering is almost identical,
which is consistent with scattering by structures within the
volume of the sample (such as low-contrast contributions from
multiple dislocation walls). If the scattering was caused by the
sample surfaces, it would change by a factor of two. The lack of
such angular dependence was also observed in the scattering
profiles from other samples.

3.5. Experimental procedure

After a sample was crystallographically oriented in situ,
sample orientations for USAXS data acquisition were
selected. USAXS data were first obtained from the unstrained
sample. The sample was then strained to a predetermined level
at a strain rate of 0.01% s~ ' and additional USAXS scans were
taken. The stress on the sample was maintained just below the
flow stress (*0.99) while holding at a specific strain. This
straining and scanning process was repeated for several levels
of strain. Unless otherwise specified, the cross-sectional area
of the beam on the gauge section was 2 x 2 mm. Using an
X-ray video camera, the sample position was adjusted before
each scan so that the X-rays sampled the same volume
throughout the in situ experiment. A microscopic examination
of each sample was conducted following each USAXS
experiment. No dimensional instabilities were observed,
demonstrating that the macroscopic strains were nearly
isotropic.

4. In situ USAXS results

The results presented here are intended to demonstrate the
effectiveness of the technique and to provide experimental
validation of Thomson et al. (1999). The USAXS data
presented in this section were obtained from four Al single
crystals, deformed in sifu as described in §3. The first two
crystals (P and Q) were oriented for high dislocation SAS
contrast, with q aligned perpendicular to slip planes with
active slip systems. The third crystal (G) was oriented such
that q was still nearly perpendicular to a large population of
dislocations but not perpendicular to the edge components of
their Burgers vectors (medium contrast). The resulting
USAXS data from these orientations show pronounced
changes in dislocation structure throughout the in situ
experiments and quantitative results can be extracted. Some
of the predicted angular dependencies are also investigated.
Finally, data are presented from a fourth crystal (/) that was
oriented such that dislocation SAS contrast was low. The
experimental results are consistent with the theoretical
predictions discussed in §2. Table 1 lists information relevant
to the samples for reference.

4.1. High contrast orientations

Results from sample P are presented first. This sample was
deformed uniaxially in tension along [0.660.420.62]. The
sample orientations from which data are presented are shown
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tation changes the projection of the beam
onto the sample, perfect volume matching is

Desmeared
power law  typef

Dislocation impossible, but we estimate the resulting

volume mismatch for a 10° sample rotation

Table 1

Sample information.

Sample  Strain axis Strain range  Orientation

P [0.66 0.42 0.62] 10% (0.0°, 1.7°, 60.2°)
(—13.7°, 0.8°, 59.7°)

Q [—0.85 —0.49 0.18] (10.1°, —24.4°, —20.4°) 2.3
(10.1°, —25.4°, —204°) -3
(10.1°, —26.4°, —204°) -2

G [0.03 0.85 —0.53] 0.4-6.7% -2

J [0.03 0.85 —0.53] 5.8-11.7%

—2and -4 s w to be less than 1%.

Orientation
A = (10.1°, —24.4°, —20.4°) aligns the (111)
slip plane perpendicular to q, while avoiding
interference from Bragg peaks. Recall also

w that single-crystal samples rotate during

straining, so orientation A slowly shifts

t s = single, d = dipole, m = mixed, w = wall.

in Fig. 5. As mentioned previously, orientations
F =(0°,1.7°,60.2°) and J = (—13.7°,0.8°,59.7°) align the
(ili) slip plane perpendicular to q, while avoiding the intru-
sion of Bragg peaks. Using X-ray transmission measurements
from non-diffracting orientations, the average starting thick-
ness of the sample was determined to be 196.8 & 0.6 pm.

Fig. 8 shows absolute-calibrated slit-smeared USAXS data
from orientation F at 10% applied strain. For comparison, the
theoretical slit-smeared slopes equivalent to —2 for scattering
from individual dislocations and —4 for scattering from sharp
dislocation walls are also shown. The observed slopes are in
agreement with the theoretical predictions (see §2), where
there is evidence of scattering by dislocation walls and single
dislocations. The peak structure in Fig. 8 demonstrates the
presence of spatially ordered dislocations. The data are
consistent with a low-angle tilt boundary with a misorientation
of about 0.09°.

The next sample, O, was deformed uniaxially in tension
along [—0.85 —0.49 0.18]. Comparisons at different strain can
only be made if the same scattering volume is used for each of
the measurements. In the experiments reported here, the
beam is positioned on the sample with an accuracy of 10 um
before each scan is made. Since changing the sample orien-
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Figure 8

Slit-smeared ultra-small-angle X-ray scattering data from sample P,
strained in situ to 10% strain. The straight lines indicate the predicted
desmeared slopes from dislocation wall SAS. The peak structure is
produced by correlations in the dislocation spacing.

position with respect to the crystal axes.

As we describe below, this shifting was

followed throughout the later stages of
the straining process.

As discussed in §2, dislocation SAS theory predicts
A* o ¢ for single dislocations and A” o ¢~ for dislocation
dipoles [see equation (3)]. Fig. 9 shows USAXS scans taken
from orientations in sample Q of A, H and M at 6% strain.
Orientations H and M are obtained by rotating the sample
away from A by —1 and —2°, respectively, in the ¢ direction.
As mentioned previously, rotation occurs during straining; at
this strain, orientation H aligns q perpendicular to the (111)
slip planes. Fitting a power law to the data from H gives a
desmeared slope of —3.00 & 0.05. This slope demonstrates
that a significant number of dislocations are arranged in dipole
configurations. Rotating just +1° from this orientation, so that
q is no longer perpendicular to the (111) slip planes, produces
the lower scans shown in Fig. 9 with fitted desmeared slopes of
—2.3 for A and —2.0 for M. Additional rotation returns the
orientation A slope to —2.0. The rapid loss of the dipole
signature confirms the theoretical prediction of strong angular
dependencies of the scattering. The angular range of the g2
scattering is much broader. From the predicted functional
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Figure 9

Slit-smeared ultra-small-angle X-ray scattering data taken at three
orientations just 1° apart from sample Q at 6% strain. Filled squares
represent data from orientation A (6 = —24.42°), open circles represent
data from orientation H (6 = —25.42°), and filled triangles represent data
from orientation M (6 = —26.42°). The desmeared ¢~ slope demon-
strates the presence of dislocation dipoles in the sample.
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form for Afﬁpole in equation (3), we thus obtain a lower limit of
H =3 um for the length scale over which the dipoles satisfy
the visibility requirements. Such long lengths are consistent
with dislocations trapped by geometrically necessary bound-
aries (Hughes et al., 1998) or large cell walls. The high-g end of
the dipole scattering in Fig. 9 exhibits a decreasing slope,
starting at approximately g = 0.004 A~ This gives an upper
limit of about 20 nm on the dipole separation. Once again,
additional information concerning the orientation of the
dipoles is required to extract further quantitative results such
as the ratio of dipoles to individual dislocations. More
extensive rotation data should allow these factors to be
determined.

4.2. Medium contrast orientations

Sample G was placed in an orientation that was not
perpendicular to a primary slip plane, yet still exhibited
significant excess scattering. Thus, out of several attempts, this
was the only sample where we succeeded in locating a non-slip
plane orientation where q remained nearly perpendicular to a
significant number of dislocations. No further rotations were
attempted on this sample; instead, the USAXS was measured
for a single orientation at applied strains of 0, 0.2, 0.4, 0.7, 0.9,
1.3,1.8,2.2,2.7,3.6,4.4,5.3,6.7 and 8.0%. The sampled volume
was 2mm X 2 mm X 51 pm.

Within an angular error of approximately 0.5°, both the
tensile axis and the scattering vector for sample G were
[0.03 0.85 —0.53] . This scattering vector was approximately 3°
away from the nearest Bragg diffraction.

To interpret the scattering results, information on the
orientations of the visible dislocations and dislocation walls is
needed. The requirement that the dislocation lines reside on
slip planes means that they are perpendicular to (111) direc-
tions in the crystal. Calculating the resulting sin*(£) for all four
possible slip planes gives 0.04 for (111), 0.61 for (111), 0.66 for
(111), and 0.03 for (111). Thus, the visible dislocations must lie
on either the (111) or (111) slip planes. These are also the slip
planes with the highest (and nearly equal) resolved shear
stresses; the relevant Schmid factors are 0.42 for [101](111)
and 0.37 for [110](111).

To determine the geometry of the wall structures, an in situ
high-resolution diffraction imaging experiment using mono-
chromatic topography (Kuriyama et al., 1982) was conducted
on an identically oriented single-crystal tensile specimen
(Levine et al., 2000). The resulting images showed that the
dislocations formed wall structures parallel to the (111) and
(111) slip planes. Such structures have been observed
previously in ex situ transmission-electron-microscope studies
of deformed f.c.c. metals and are usually referred to as dislo-
cation carpets (Steeds, 1966).

Fig. 10 shows the absolute-calibrated slit-smeared USAXS
intensity plotted as a function of g for strain values of 0.4, 0.9,
2.2,3.6,4.4,5.3 and 6.7%. Each scan exhibits two straight lines
that intersect near ¢ = 0.001 A~'. As for sample P, the data at
larger ¢ (around 0.001 to 0.01 A~') have a slit-desmeared
equivalent slope of —2 and correspond to scattering from

individual dislocations. The changing height of the —2 slope
region indicates that the visible dislocation content is
increasing with strain. As discussed previously, the smaller-g
scattering is attributed to the distribution of dislocations in the
thickness direction of the walls and these structures are
observed in all of the scans of sample G except for the first two
at 0 and 0.2% strain. To extract the width of the wall/channel
interface, o, from the desmeared smaller-¢ USAXS data, we
first fitted the larger-q data with a power law and subtracted
this function from the smaller-g data. This subtraction effec-
tively removed the first term from equation (7). Fitting the
resulting data with the function given by equation (4) and
including the appropriate projection for g, allows us to extract
the width, o,, of the interface region in the direction perpen-
dicular to the dislocation walls. The behavior of this width will
be discussed further below.

4.3. Low contrast orientations

All of the above results were obtained from crystals
oriented for high or medium dislocation scattering contrast. It
is useful to compare these results with USAXS data from
identical crystals with different orientations. The very sharp
angular dependence predicted by equations (1) and (3)
suggests that dislocation scattering should be undetectable for
most sample orientations. However, USAXS data from all of
the samples that were rotated for low dislocation scattering
contrast show a barely detectable scattering profile consistent
with dislocation scattering. The presence of this small excess
scattered intensity is not surprising, since dislocations gener-
ally form complete loops of complicated shapes. Thus, for any
sample/beam geometry, some small fraction of the total
dislocation line length in the sample will always be perpen-
dicular to q. Of course, the edge component of the Burgers
vectors will not generally be perpendicular to q, but this
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Figure 10

Slit-smeared ultra-small-angle X-ray scattering data from sample G at
strains of 0.4% (filled circles), 0.9% (filled squares), 2.2% (filled
triangles), 3.6% (open diamonds), 4.4% (inverted filled triangles), 5.3%
(open squares) and 6.7% (filled diamonds).
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angular dependence is much more slowly varying, and will not
completely eliminate the dislocation scattering.

Sample J has the same crystallographic orientation as
sample G, but USAXS data were obtained from a different
sample orientation that still avoids Bragg scattering.

As discussed above, the low-g USAXS data from sample G
exhibited changes that were consistent with a sharpening
interface of the dislocation walls with increasing strain.
Although the scattering intensity from sample J is much
smaller than from sample G, the low-g USAXS data show
similar behavior and the interface width can be extracted
using the same procedure. For sample G, q was symmetrically
oriented with respect to both possible wall orientations, so the
true interface width, o,, could be extracted. For sample J,
however, the projections for the (111) and (111) dislocation
walls are different (0.77 and 0.86, respectively). Fig. 11 shows
the extracted interface widths using both possible projections
for sample J along with the o, values obtained from sample G.
The data from both samples fit smoothly together, demon-
strating that the same sets of dislocation walls are being
sampled in the two crystallographically identical samples.
Since both wall projections for sample J are consistent with the
sample G data, no distinctions can be made between them.
The combined data show that the width of the interface region
decreases approximately linearly with increasing strain.
Theoretical models of work hardening are just now starting to
consider the role of such evolving dislocation density gradients
(Mughrabi, 2001); at present, USAXS provides the only viable
experimental technique for measuring this parameter in situ.

5. Conclusions

This paper presents the first measurements of dislocation wall
structure using SAS. The USAXS measurements were
conducted on samples of single-crystal Al, deformed in situ by
uniaxial tension. Since dislocation SAS is a low-contrast

1200

1100 & 1
<1000
900 - .
800+ : {
700
600
500F

A7y T B TP I IR I SN B, 01 |
0 2 4 6 8 10 12

Engineering strain (%)

aniilonaalonaslonesl

Lasaal

Interface width

Figure 11

Extracted true interface widths of dislocation wall boundaries in
crystallographically identical samples G and J plotted as a function of
strain. The circles were extracted from the sample G data, and _the
triangles and squares were extracted from the sample J data, using (111)
and (111) projections, respectively. The solid line is a linear fit using the
(111) J data along with the sample G data. The dashed line uses the (111)
J data along with the sample G data.

scattering process, great care was taken to avoid higher-
contrast processes such as double Bragg diffraction. Other
potential problems such as surface scattering and scattering
from contaminants also were carefully avoided. In §3.4, we
described in detail the steps taken to avoid these difficulties
and the experimental measurements that were made to
confirm that these effects were properly understood.

The experimental results presented in this paper serve as a
test of the theory of small-angle scattering from dislocation
walls as developed by Thomson ef al. (1999). It is noteworthy
that all of the scattering features predicted by the theory were
observed and that the quantitative results extracted using this
theory have reasonable values. Particularly important (and
also potentially quite valuable) is the selective nature of the
USAXS probe. Orienting the scattering vector perpendicular
to a given slip plane maximizes the scattering from this set of
dislocations while minimizing the contribution from the
conjugate slip systems. For this reason, USAXS cannot be
used to measure the total dislocation content of a sample.
Instead, USAXS may be used for the purpose of comparing
well defined subsets of dislocations that develop and evolve as
a sample deforms plastically.

Successful in situ dislocation USAXS experiments require
an ultra-low g, (<1073 A™") with small Ag (<1074 A7), a
high photon flux and complete angular control of single-
crystal metal samples. Although difficult to conduct, disloca-
tion USAXS provides many useful capabilities including the
ability to examine dislocation structures in bulk materials.
Dislocation USAXS can also provide measurements of
physical parameters that cannot be determined via any other
available experimental technique.

We thank H. E. Burdette for measuring the orientation of
our single-crystal samples using Laue diffraction. The
experiments reported in this paper were conducted using the
USAXS facility at the National Institute of Standards and
Technology’s materials science beamline (X23A3) at the
National Synchrotron Light Source at Brookhaven National
Laboratory. The NSLS is operated under contract No. DE-
AC02-76CHO00016 with the US Department of Energy.
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